Magnesium is a lightweight structural metal but it exhibits low ductility-connected with unusual, mechanistically unexplained, dislocation and plasticity phenomena-which makes it difficult to form and use in energy-saving lightweight structures. We employ long-time molecular dynamics simulations utilizing a density-functional-theoryvalidated interatomic potential, and reveal the fundamental origins of the previously unexplained phenomena. Here we show that the key AEc 1 aae dislocation (where AEc 1 aae indicates the magnitude and direction of slip) is metastable on easy-glide pyramidal II planes; we find that it undergoes a thermally activated, stress-dependent transition to one of three lower-energy, basal-dissociated immobile dislocation structures, which cannot contribute to plastic straining and that serve as strong obstacles to the motion of all other dislocations. This transition is intrinsic to magnesium, driven by reduction in dislocation energy and predicted to occur at very high frequency at room temperature, thus eliminating all major dislocation slip systems able to contribute to c-axis strain and leading to the high hardening and low ductility of magnesium. Enhanced ductility can thus be achieved by increasing the time and temperature at which the transition from the easy-glide metastable dislocation to the immobile basal-dissociated structures occurs. Our results provide the underlying insights needed to guide the design of ductile magnesium alloys.
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Developing lightweight structural metal is a crucial step on the path towards reduced energy consumption in many industries, especially automotive 1,2 and aerospace 3 . Magnesium (Mg) is a lightweight metal, with a density that is 23% that of steel and 66% that of aluminium, and so has tremendous potential to achieve energy efficiency 4 . In spite of this tantalizing property, Mg generally exhibits low ductility, insufficient for the forming and performance of structural components. The low ductility is associated with the inability of hexagonal-closepacked (hcp) Mg to deform plastically in the crystallographic AEcae direction, which is accomplished primarily by dislocation glide on the pyramidal II plane with the AEc 1 aae Burgers vector 5 (see Fig. 1 ). Experiments reveal a range of unusual, confounding, conflicting, and mechanistically unexplained phenomena connected to AEc 1 aae dislocations that coincide with the inability of Mg to achieve high plastic strains 6 . Uncovering and controlling the fundamental behaviour of AEc 1 aae dislocations is thus the key issue in using Mg, and any solution would catapult Mg science, technology, and applications forward. Success would enable, for instance, lightweight automobiles that would consume less energy, independent of the energy source, and thus act as a multiplier for many other energy-reduction strategies.
Because of its critical importance and promise, AEc 1 aae slip has been extensively studied over five decades [7] [8] [9] [10] , and reports on this system are being published at an increasing rate [11] [12] [13] [14] . In Mg single crystals, AEc 1 aae slip occurs predominantly on the pyramidal II system, and measurements show that pyramidal II AEc 1 aae dislocations can glide at low stresses of ,20 MPa at low temperatures 15 (77-133 K). However, transmission electron microscopy (TEM) studies frequently find AEc 1 aae dislocations lying, mysteriously, along basal planes and coexisting with AEcae and AEaae dislocations 9, [16] [17] [18] [19] . Under c-axis compression, single crystal Mg also exhibits a rapid increase in stress with increasing strain, that is, high work hardening 9, 15, 18, 19 , and fractures at low strains at temperatures up to 500 K (refs 9, 15, 19) . New work shows the formation of a very high density of AEc 1 aae dislocation loops also dissociated on, and lying on, the basal planes 14 , with similar observations dating back fifty years 7, 8, 20 . Many mechanisms have been proposed, all of which invoke extrinsic effects such as 'heating' by the electron beam 8 , vacancy and self-interstitial precipitation 21 , and dislocation obstacles of 'unknown' nature 7 . Also surprisingly, when loaded at slow strain rates (,10
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), and particularly under compression, the yield strengths of both single crystal Mg 8, [15] [16] [17] and polycrystal Mg alloys 22, 23 increase with increasing temperature, that is, they show an anomalous temperature dependence, within a certain temperature range. This behaviour is hypothesized as being due to decomposition of the AEc 1 aae dislocation into AEcae and AEaae (ref. 17) , which is supported by TEM studies 16, 21 where junction pairs of AEcae, AEaae, and AEc 1 aae dislocations were found. However, no decomposition process has been directly observed. It has also been proposed that the junctions may be formed by reactions of AEcae and AEaae dislocations 24 . The AEcae dislocation is also unusual because it too lies on the basal plane 8, 12, 25 . Overall, how AEc 1 aae and AEcae dislocations can come to lie on the basal plane is the subject of discussion. Nor is there understanding of why the behaviour of AEc 1 aae dislocations varies widely over a range of loading conditions, single-crystal orientations, polycrystalline texture, and temperature. Here, we provide an explanation for all of these unusual observed phenomena that is entirely intrinsic to hcp Mg.
Mechanisms of AEc 1 aae dislocation transition
We first show the transitions of the pyramidal II AEc 1 aae edge dislocation using molecular dynamics (MD) simulations (see Supplementary Information I and II for details). Properties of the screw dislocation (Extended Data Figs 1 and 7) are not directly relevant. We start the simulations with an initial AEc 1 aae edge dislocation dissociated into 1 2 AEc 1 aae 1 1 2 AEc 1 aae on the pyramidal II glide plane, a structure in good agreement with density functional theory (DFT) calculations 26 . We then execute long-time MD at elevated temperatures (500 K, 600 K, 700 K) to accelerate any thermally activated processes, and under various applied stresses normal to the glide plane. As shown in Fig. 1 , the initial AEc 1 aae core is metastable and transforms into one of three new basal-oriented dislocations. The transition into the final state is always preceded by an intermediate state where a partial AEaae (Shockley) dislocation is nucleated on the basal plane and glides away with a trailing basal I 2 intrinsic stacking fault 5 . Since the time to achieve this intermediate state (indicated in Fig. 1 ) is much longer than the subsequent transition to any of the final states, the transition into this intermediate state is the kinetically limiting step in the overall process. An applied normal stress exerts a resolved shear stress on the basal plane that determines the glide of the partial AEaae, which in turn determines the final structure. The frequencies of occurrence of the various final structures as a function of load are shown in Extended Data Fig. 2 . Figure 1a shows the transition that predominates at zero and low stresses. The newly nucleated partial AEaae stays close to the original nucleation site and another partial AEaae is then nucleated from the other half AEc 1 aae dislocation. The two remaining partials then 'climb' in opposite directions to form a new AEc 1 aae core dissociated on the basal plane and separated by a basal I 1 stacking fault 5 . The 'climb'-like transition is atomistically complicated, involving significant atomic motions within the core region, but does not involve any vacancy diffusion or interstitial diffusion from the surrounding bulk because the simulation contains no vacancies or interstitials. The core spreading on the basal plane is driven by the repelling force between the two partials, but the spreading is kinetically difficult because further climb would presumably require some sort of vacancy/interstitial pair formation and transport (see Extended Data Figs 3 and 4 and Supplementary Information III and IV). This final dislocation core has been observed previously 8, 11 and has recently been resolved in high-angle annular dark field scanning TEM (HAADF STEM) 14 . Figure 2a shows the atomic structure obtained from MD quenched to 0 K. In Fig. 2b we show a superposition of the atomic images from MD (projected into the plane of view perpendicular to the dislocation line) and from HAADF STEM (which shows spots due to diffraction from aligned columns of atoms) for one of the two basal-oriented AEc 1 aae partials with the I 1 stacking fault emerging from it. Good agreement can be seen outside the core region. In the core region, the MD results show complex variations in atomic position along the dislocation line; this is consistent with the absence of clear spots in the HAADF STEM image that suggests an absence of structural order. Figure 1b shows the transition that occurs mainly at intermediate loads. In this case, the first nucleated leading partial AEaae glides away, leaving behind a wide I 2 stacking fault and a 1 2 AEcae 1 da dislocation (see rightmost panel in Fig. 1b for nomenclature) . The other half AEc 1 aae on the pyramidal II plane then reacts with the residual dislocation to blue, hcp; green, face-centred cubic (fcc); purple, body-centred cubic (bcc); yellow, all others. Dislocation core atoms thus appear predominantly as yellow. In a-c, the rightmost column shows the composition of the AEc 1 aae Burgers vector before (solid purple arrow) and after (dashed blue arrows) the transition; the green and orange circles depict the two alternating layers of atoms in basal planes. In the rightmost column in b, d is the midpoint between A and B, and a is the vertical projection of A 0 onto the basal plane.
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form another new 'climb-dissociated' dislocation with Burgers vector 1 2 AEcae 1 B9A 0 . If the applied stress is then reduced, this core transforms into the previous core because the partial AEaae is pulled back to the main dislocation. Figure 1c shows the transition that predominates at higher loads. In this case, the pyramidal II AEc 1 aae decomposes into AEcae and AEaae dislocations by nucleating a trailing partial AEaae behind the initial leading partial AEaae. The full AEaae then glides away, driven by the high resolved shear stress, leaving behind a AEcae dislocation. The AEcae then also 'climb-dissociates' along the basal plane into two partial AEcae dislocations separated by a basal extrinsic stacking fault, consistent with TEM observations 25 and HAADF STEM 12 . Details of all dislocation reactions are shown in Extended Data Fig. 5 and in Supplementary Information V.
Dislocation transition rate and energy barrier
The AEc 1 aae transitions are thermally activated processes. Figure 3a shows the measured mean transition time t versus stress and temperature for this random process. t depends on temperature and, weakly, on stress. Simulation cell sizes and boundary conditions have insignificant effects on the measured transition time (see Extended Data Fig. 6 and Supplementary Information VI and VII). The mean transition rate R~1= t can be related to the normal-stress-dependent transition energy barrier DE(s norm ) using the Arrhenius law R~n 0 exp {DE(snorm)=ðkTÞ , where n 0 , k, and T are the attempt frequency, Boltzmann constant, and temperature, respectively. Estimating n 0 5 10 13 s
21
, the energy barrier versus applied stress is shown in Fig. 3b . Overall, the energy barrier is ,0.5 eV. This yields a fast transition rate of ,10 5 s 21 at 300 K and a very slow rate of ,10 24 s 21 at 150 K, consistent with the observation of anomalous strengthening only above ,150 K (refs 16, 17) . Preliminary nudged elastic band 27, 28 calculations (Supplementary Information VIII) of the 0 K activation barrier yield an energy barrier of ,0.6 eV, in good agreement with the estimates in Fig. 3 . The applied stress has a weak asymmetric effect on nucleation because it influences the barrier by exerting a stress that moves the first partial AEaae dislocation away (compressive) or towards (tensile) the original AEc 1 aae.
Dislocation energy
The Fig. 7 and Supplementary Information IX) . Here, E struc is the dislocation energy within a minimum radius r min around the core region that contains all of the energy associated with the specific structure, such as the core energy, stacking fault energy, interactions among these structures, and near-field elastic energy. Conversely, the second term Kln(r/r min ) is the additional elastic energy between r min and r from the core region, which captures the elastic energy outside of the core region. The constant K is completely determined by the anisotropic elastic constants, Burgers vector b, and dislocation line direction. Here, all the AEc 1 aae dislocations and total products have the same K, Burgers vector b 5 c 1 a, and line direction. Therefore, the total energy difference between any two structures is computed directly by the difference in their total energies E tot measured at large distances r . r min from the complex core region 5 . Figure 4a shows E tot versus ln(r/r min ) for r min 5 6b 5 6jc 1 aj calculated atomistically for the three localized edge AEc 1 aae type dislocations found here (see Fig. 4b ). All three curves are parallel, as expected for E tot (r . r min ), and the energy differences are precisely the differences in E struc between the different structures. The easy-glide AEc 1 aae dislocation on the pyramidal II plane has the largest energy per unit length, and the AEc 1 aae dissociated on the basal plane has the smallest energy, 0.3 eV Å 21 lower, and is the most stable at zero applied stress. The AEcae 1 AEaae remaining in close proximity has an intermediate energy, and is thus also stable relative to the easy-glide structure. In fact, while not shown, a related calculation can be performed to demonstrate that even the case of AEcae and AEaae separated to infinity has a lower total energy than does the easy-glide core, although higher than does the AEcae 1 AEaae in close proximity, indicating that short-range interactions between the AEcae and AEaae dislocations reduce the overall energy relative to well-separated ones. There is thus an energy barrier for driving the AEaae dislocation away from the AEcae.
The relative order of the edge dislocation energies rationalizes the simulations and various experimental observations. Under zero or RESEARCH ARTICLE low applied normal stresses, the preferred transition is the lowest energy 'climb-dissociated' AEc 1 aae on the basal plane. This is consistent with experimental observations in single crystal c-axis compression tests, where the resolved shear stress on basal planes is negligible and a high density of AEc 1 aae loops/dislocations dissociated on basal planes 14, 19 or aligned with basal planes 9 are observed. When there is a resolved stress t on the basal plane, there is energy gained by the work done by the applied field in moving the full/partial AEaae dislocation away from the AEcae. When the full or partial AEaae has moved a distance l, the total energy reduction per unit length is DE 5 tal for the full AEaae and DE~(tal=2){c I 2 l for the partial AEaae, where c I 2 is the I 2 stacking fault energy (,20-30 mJ m 22 ), and a = |a|. These two cores can thus have the lowest total energy at sufficiently large t. This is consistent with experimental observations in polycrystal Mg (ref. 21) , where resolved shear stresses exist on basal planes in most grains and AEcae and AEaae dislocations/junctions are more commonly seen as compared to AEc 1 aae basal loops.
Critical resolved shear stresses for dislocation glide
The three transformed cores shown in Fig. 1 are essentially immobile, as expected owing to their 'climb dissociation' onto the (non-glide) basal planes. Figure 5 shows the motion of the various dislocations under an applied resolved shear stress on the pyramidal II plane (Fig. 5a-d ) and prism plane (Fig. 5e ) at 300 K, as obtained via MD simulations (see Supplementary Information X). The initial AEc 1 aae on the pyramidal II plane glides at stresses of ,11 MPa. All of the basaldissociated dislocations are immobile up to stresses of more than 30 times the pyramidal II glide stress (see Extended Data Fig. 8 for the non-Schmid effect); only the AEaae can glide away at ,119 MPa, as discussed above, leaving the immobile AEcae. A stress of ,430 MPa is needed to recombine the AEaae and AEcae into the AEc 1 aae, indicating a high energy barrier for this reverse reaction, so that this proposed mechanism for creation of AEc 1 aae is unlikely 24 .
Origin of low ductility and high strain hardening
The time-dependent thermal activation of the easy-glide pyramidal II AEc 1 aae to immobile lower-energy, basal-dissociated AEc 1 aae and AEcae dislocations explains the low ductility of Mg. Generalized plasticity requires the operation of at least five independent slip systems 5 . Mg cannot sustain dislocation slip in the crystallographic AEcae direction because the necessary AEc 1 aae and AEcae dislocations transform to immobile dislocations. Thus, only twinning remains to provide some deformation in the AEcae direction, and the plastic strain due to twinning is very small (at most, ,7%). Grains in a polycrystal can thus mainly slip only in the AEaae direction, and grains oriented favourably for AEc 1 aae slip are effectively rigid. High constraint stresses rapidly develop, leading to the early onset of fracture and low ductility. within a cylindrical region of radius r . r min 5 6b for the AEc 1 aae edge dislocation on the pyramidal II plane (purple circles; case i), for edge AEcae and AEaae in close proximity (orange squares; case ii), and for AEc 1 aae edge dislocation climb-dissociated on the basal plane (open blue squares; case iii). Here, b is the magnitude of the AEc 1 aae dislocation Burgers vector. The differences in energies between the three different dislocation structures are equal to the constant differences between the energies versus r, as expected by elasticity theory. b, Dislocation core structures corresponding to the energies shown in a (cases i, ii, and iii) as computed at zero temperature. Low ductility is also driven by high hardening rates, as measured in Mg, particularly for single crystals or textured polycrystals oriented for AEc 1 aae slip. The immobile dislocations do not contribute to plastic straining, and instead act as 'forest' dislocations that impede the motion of dislocations on all the easy-glide/slip systems. Plastic flow on slip system a (where a indicates basal, prism, twin, pyramidal) is controlled by the densities of mobile dislocations r a m and 'forest' dislocations r a f impeding slip on each slip system. The contribution to the total plastic strain rate from slip system a is then where
is the rate of thermally activated escape of the a dislocations past the forest obstacles 29 . The parameters in equation (2) (attempt frequency n esc , zero-stress activation energy DG 0 , and exponents p and q characterizing the activation energy profile) are not important for the general discussion here. The key quantities are the applied resolved shear stress t a acting on the dislocations, and the zero-temperature strength or critical flow stress t a crit required to overcome the energy barrier without thermal activation. t a crit is due to the forest obstacles, and so is related to the dislocation densities in all slip systems a' including a itself as 30, 31 
where m is the shear modulus (ignoring elastic anisotropy) and A aa' is the matrix of interaction strengths between slip systems a and a'. Around room temperature, the fast transition of easy-glide AEc 1 aae dislocations into immobile basal-dissociated AEc 1 aae or AEcae dislocations acts to (1) rapidly decrease the density of mobile AEc 1 aae dislocations r a m and (2) rapidly increase the density of immobile/forest dislocations r a' f affecting all slip systems. For all slip systems, the most important effect is the exponential decrease in the escape rate (equation (2)) due to the increased critical strengths on all slip systems (equation (3)) due, in turn, to the increased forest density associated with the transformed AEc 1 aae dislocations. The increased forest density also decreases the slip rate directly in equation (1). Therefore, constant-strain-rate experiments show a very rapid increase in the applied stress required to sustain the imposed loading rate, and thus a rapidly increasing hardening rate in the stress-strain curve. High stresses then drive fracture, which cannot be resisted by plastic flow 32 , and the ductility is thus limited.
Strain hardening is particularly dramatically enhanced in crystals oriented preferentially for AEc 1 aae slip. In such an orientation, previously transformed AEc 1 aae dislocations on basal planes block subsequent easy-glide pyramidal II AEc 1 aae dislocations at their leading edge segments, and drive those dislocations to evolve into long straight segments with pure edge character. These dislocations then transform into immobile dislocations, thus forming immobile dislocation pile-ups. There is thus a feedback process: the rate of transformation increases with increasing immobile dislocation density, while the immobile dislocation density increases owing to the increasing number of transformations. This is observed in single crystal Mg c-axis compression tests 9, 14, 19 where the exceptionally high measured work hardening is accompanied by the observation of a rapid increase of straight AEc 1 aae dislocations and also loops (density of ,10 20 m
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at 1% plastic strain 14 ) . In fact, when AEc 1 aae dislocations are observed in TEM 8,9,11,19,21 , they often exist as uniform arrays or pile-ups of long, straight dislocation segments. In contrast, at low temperatures, the AEc 1 aae transitions cannot occur fast enough, leading to more normal evolution of dislocation densities, strengthening, and strain hardening, although now limited simply by the low temperature. Thus, the pyramidal II AEc 1 aae dislocation transformations are responsible for the anomalous temperature dependence of the strengthening observed in the range ,130-293 K (refs 16, 17) , for the high hardening rate observed at 300 K (refs 9, 14, 18, 19) , and for the associated low ductility.
Discussion
The transitions identified here are intrinsic to Mg and occur without additional defects or spurious experimental conditions (such as electron beam heating). To prevent the undesirable transitions, strategies could be aimed at energetically stabilizing the easy-glide AEc 1 aae core so as to shift the transition to higher temperatures, longer times, or slower strain rates. This may be possible by solute additions that pin the easy-glide AEc 1 aae core and lower its energy. Quantitative models demonstrate that glide dislocations are pinned by favourable statistical fluctuations of the solute distribution 33 , and the favourable fluctuations for the easy-glide AEc 1 aae core will not simultaneously be favourable for the basal-dissociated core at the same position. New encouraging results 11, 34, 35 on Mg-3%Y alloys show substantially increased AEc 1 aae activity and higher ductility, which may be due to increased stability of the easy-glide AEc 1 aae produced by these solutes. Modelling of the interaction between alloying elements and the various dislocation cores found here, and analysis of the consequent effects on the stability of the pyramidal II AEc 1 aae edge dislocation, would thus appear to be a useful direction to pursue. Our results also suggest that sufficiently small grain sizes could be favourable for ductility. If easyglide AEc 1 aae dislocations exist long enough to fully traverse grains, then the undesirable transitions are avoided. Indeed, TEM observations in large-grain materials show arrays of straight AEc 1 aae dislocation segments 11, 21 inside grains but particularly near grain boundaries 36 , suggesting that the AEc 1 aae are nucleated near grain boundaries but then only travel a short distance before transforming. In contrast, high ductility is achieved in Mg with micrometre-scale grain sizes 10 . Finally, the mechanism of the AEc 1 aae transition and its consequent strength anomalies may not be unique to Mg; similar observations are seen in other hcp metals 7, 17, 20 (such as Cd and Zn). Since the observed transition is intrinsic, results in immobile dislocations, and occurs at high rates, it may also provide the 'unknown' pinning process invoked 7 in one proposed mechanism aimed at rationalizing the observation of basal-oriented AEc 1 aae dislocation loops.
In summary, use of a new DFT-validated interatomic potential in long-time MD studies reveals a rich set of intrinsic structural transitions of the key AEc 1 aae dislocations in Mg that explain long-standing experimental puzzles and are responsible for low ductility in Mg. The easy-glide pyramidal II AEc 1 aae undergoes thermally activated, stressdependent transitions into various lower-energy products lying on basal planes. The dislocation structures are in good agreement with experimental observations, the differences between experiments are explained, the temperature range where the transition is operative agrees with experiments, and the product dislocations are immobile and so cause high strain hardening by serving as obstacles for all other dislocations, leading to low ductility. This new overall understanding opens opportunities for design of Mg-based alloys based on the mechanistic concept of energetically stabilizing the easy-glide AEc 1 aae dislocations on pyramidal II planes.
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